and, consequently, for a certain surface damage insensitivity that leads to outstanding mechanical reliability. Using this approach, some oxide laminated structures have been produced by tape casting, a convenient and well-developed technique for the preparation of thin green sheets, and pressureless sintering and in most cases very high reliability has been observed experimentally. (Sglavo et al., 2005; Costabile & Sglavo, 2006; Sglavo & Bertoldi, 2006 b; Leoni et al, 2008) . In the present work silicon carbide has been selected as second phase to graduate the thermal expansion coefficient of alumina due to its relatively low specific density that could allow the production of lighter components with improved mechanical performance and reliability. Silicon carbide, in the shape of particle, nanoparticle, platelet or whisker, has been used many times in the past to improve hardness, strength, toughness, thermal shock resistance and creep resistance of alumina ceramics (Lee & Rainforth, 1994; Peters, 1998) Nevertheless, it has been shown that pressureless sintering to full density of alumina/silicon carbide composites can occur only at temperatures above 1700°C and usually involves considerable weight loss due to the formation of volatile compounds (Gadalla et al., 1992; Hue et al., 1997) . In order to overcome such problems the alumina/silicon carbide composites have been usually prepared by pressure assisted sintering techniques such as Hot Pressing (HP). In the present work, Spark Plasma Sintering (SPS) technology has been chosen for the consolidation of the laminates. SPS is a new promising solid compressive and pulsed electric current energizing sintering technology whose consolidation mechanisms are still under debate. During the SPS process a mechanical pressure is applied to the powder compact within the die while heating is provided internally thanks to a pulsed direct electric current passing through the die and, depending on the electrical conductivity of the material to be sintered, also through the powder compact. Such electrical current propagation significantly improves heat-transfer resulting in a current activated sintering. Therefore, SPS has several advantages over conventional sintering methods including higher heating rates, lower processing temperatures and shorter holding times, this allowing the production of highly dense materials with good control of grain coarsening (Chae et al., 2006; Munir et al., 2006) . The purpose of this work was to produce by tape casting and SPS alumina/silicon carbide monolithic composite laminates, made by stacking together laminae of identical composition, and an engineered laminate, with layers of different composition, specifically designed to manifest high mechanical reliability.
Experimental

Sample Processing
Commercially available high-purity α-Al 2 O 3 (A-16SG, Alcoa Inc., Pittsburgh, PA, USA) and α-SiC (Sika ABR I F1500S, Saint-Gobain, Courbevoie, France) powders with average particle size of 0.4 μm and 1.8 μm and specific surface area of 8.6 m 2 /g and 4.9 m 2 /g, respectively, were used in this work. Alumina/silicon carbide laminae with 0 ÷ 30 vol% SiC loads were produced and labelled as ASx where x is the volume content of the second phase (SiC). The green laminae were obtained by tape casting of water-based slurries prepared using a two-stage milling/mixing procedure necessary to break up powder agglomerates and to maintain the mechanical and chemical stability of the used binders. The alumina slurry was firstly prepared by mixing the powder to deionized water with ammonium polymethacrylate as dispersant (Darvan C®, R. T. Vanderbilt Inc., Norwalk, CT, USA) -0.4 mg/m 2 of active matter per unit area of alumina powder -for 24 h with alumina milling media. Then SiC powder was added and the dispersion was mixed for additional 24 h. The SiC powder was electrostatically dispersed so that no further amount of a dispersant was required. The slurry was filtered through a 41 µm filter and de-aired for 30 min using a low-vacuum Venturi pump to remove air entrapped during the milling stage. An acrylic emulsion (Duramax® B-1014, Rohm & Hass, Philadelphia, PA, USA) as binder and a low-Tg acrylic emulsion (Duramax ® B-1000, Rohm & Hass, Philadelphia, PA, USA) as plasticizer were added to the dispersions and mixed for 30 min, taking care to avoid the production of new air bubbles. Three drops of 10 wt% wetting agent water solution (NH 4 -lauryl sulphate, code 09887, Fluka Chemie AG, Buchs, Switzerland) were also added after 20 min of mixing to improve the tape spread onto the casting substrate. All suspensions were produced with a powder content equal to 39 vol%. Binder content was always equal to 15.3 vol% and plasticizer was added in a volume ratio equal to 1:2 with respect to the binder. Tape casting was carried out using a double doctor-blade assembly (DDB-1-6, 6 in wide, Richard E. Mistler Inc., Yardley, PA, USA) with a gap height of 250 μm at a speed of 1 m/min. The tapes were casted on the polyethylene hydrophobic surface side of a composite film substrate (PET12/Al7/LDPE60, BP Europack, Vicenza, Italy) fixed on a rigid float glass plate. The relative humidity of the over-standing environment was set to 80%, after casting, in order to control the tapes drying. Green tapes with smooth surfaces and a uniform thickness of about 120 μm were therefore produced. Disks of 20 mm diameter were cut from the tapes by a hollow punch. Green laminates were produced by thermo-compressing in a 20 mm nominal diameter aluminium die with a predefined stacking of 60 disks at 80°C under 30 MPa for 15 min. According to the results of the thermogravimetric analysis (STA409 Netzsch GmbH, Bayern, Germany), performed at 5°C/min in air on binders and SiC powder, the adopted debinding heating cycle to allow slow and complete burn-out of organic additives was 1°C/min up to 600°C; the temperature was then raised to 4°C/min up to 1000°C for the successive presintering treatment (dwell time = 12 min) useful to produce samples that could be easily handled without noticeable oxidation of the carbide. Each pre-sintered laminate measuring 20 mm in diameter and 5.8-6.1 mm in height was wrapped into a graphite foil and carefully placed into the graphite mold. This latter was then closed and placed in the SPS apparatus (Dr. Sinter 1050, Sumimoto Coal Mining Co., Tokyo, Japan). A preliminary uniaxial pressure equal to 6.4 MPa was applied at room temperature. Vacuum level of 10 -2 mbar was reached and pulsed current (12 impulses of 3 ms on and 2 impulses of 3 ms off) was applied. The temperature was raised up to 600°C in 5 min and then monitored and regulated by means of an optical pyrometer. Then the uniaxial pressure was risen to 28.7 MPa and the temperature was increased at first up to 1650°C (heating rate = 100°C/min) and then to 1700°C (heating rate = 50°C/min). After a holding time of 5 min the pressure was released, the current was turned off and the sample was cooled down. Graphite foil residues were eliminated from the 3.2-3.4 mm thick sintered laminates by grinding on 250 μm grit diamond disks. A graphite spray was also used to protect the surfaces of the engineered laminates (that realized with laminae of different composition, as www.intechopen.com
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reported below) during SPS, and no grinding procedure was used to remove graphite residues from such surfaces.
Design of the Engineered Laminate
Layers with different composition were stacked to obtain, after SPS, the architecture of the engineered laminate shown in Fig. 1 and labelled as AS-1. Such architecture was selected on the basis of the results presented in previous works to guarantee the stable growth of surface cracks before final failure (Sglavo et al., 2005 Sintering of a ceramic composite laminate made of layers of different composition is responsible for the formation of biaxial residual stresses in the laminate. During cooling, the difference in elastic modulus and, most of all, thermal expansion coefficient of the constituent layers is accommodated by diffusion mechanisms as long as the temperature is high enough (Rao et al., 2001) . Below a certain temperature, T SF , which is called the "stress free" temperature, the different components behave like a perfect elastic solid and internal stresses appear. The residual stresses σ res,i within each single layer (rank = i) under the hypotheses of symmetrical laminate geometry and perfect adhesion between layers, can be calculated using the following equation (Sglavo et al., 2005; Sglavo & Bertoldi, 2006 b 
where T RT is the room temperature and:
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t i being the layer thickness and n the total number (odd ) of the layers. The effect of residual stresses on fracture behaviour can be combined with the intrinsic fracture toughness of each layer K c i thus obtaining the so-called apparent fracture toughness as a function of the distance from the surface, i.e. for increasing crack depths, (Sglavo et al., 2005; Sglavo & Bertoldi, 2006 b) :
where Y ≈ 1.1215, Δσ res,j being the stress increase of layer i with respect to the previous one, x j the starting depth of layer j. Equation (4) represents a short notation of n different equations, the sum being calculated for different number of terms for each i. On the basis of such approach, once the crack model is defined, the material failure is determined by comparing T with the stress intensity factor associated to the external loads only. The properties of alumina and silicon carbide required for the design calculations can be obtained from NIST Structural Ceramics Database (www.nist.gov). Young modulus (E) and Poisson's ratio (υ) values for monolithic alumina/silicon carbide composites are calculated as the Hashin-Shtrikman bounds (Kingery et al., 1976) and thermal expansion coefficient (α) is evaluated by the Kerner equation (Kingery et al., 1976) . Hardness (H) and fracture toughness (K C ) were determined by the conventional indentation fracture method (Anstis et al., 1972) . Vickers indentations were produced using a load of 100 N for 15 s. The properties of the composite materials used in the design procedure are summarized in Table 1 . Materials properties and layers thickness used to estimate the stress distribution and the apparent fracture toughness of the engineered laminate AS-1. The thickness corresponds to the average actual value measured on the sintered samples.
The resulting residual stress profile calculated according to Eq. (1) for the engineered laminate AS-1 is shown in Fig 2. A stress free temperature equal to 1200°C was used for the calculations. Similarly to previous situations where the material was tailored to manifest high mechanical reliability (Green et al., 1999; Sglavo et al., 2005; Costabile & Sglavo, 2006; Sglavo & Bertoldi, 2006 b; Leoni et al, 2008) , the stress state is slightly tensile (around 50 MPa) on the surface while a considerable residual compression (in excess to 400 MPa) occurs at a certain depth in the fourth layer. Fig. 2 . Calculated residual stress profile in the surface region of the engineered laminate AS-1. Fig. 3 . Apparent fracture toughness for the engineered laminate AS-1. The straight line corresponding to the design failure stress and the minimum stress required for crack propagation are also shown and used for the determination of the stable growth interval (horizontal bar).
The apparent fracture toughness, T, of the laminate due to this stress profile and calculated according to Eq. (4) is shown in Fig. 3 as a function of the distance from the surface. A wide stable crack growth interval (from  12 µm to  250 µm) before final failure, that could be responsible for limited strength variability, can be observed. The failure stress associated to the maximum apparent fracture toughness, graphically determined by the line intersecting T at the maximum, is equal to  375 MPa.
Sample characterization
Green compact porosity and pore size distribution were measured by mercury porosimetry on the pre-sintered laminates (Pascal 140 and Porosimeter 2000, CE Instruments, Milano, Italy). The relative densities of the sintered samples were measured by the Archimedes technique using distilled water as immersion medium. The theoretical densities of the composites were calculated by the rule of mixtures assuming a value of 3.984 g/cm 3 for Al 2 O 3 and 3.16 g/cm 3 for SiC. X-ray diffraction (XRD) analyses (Geiger Flex Dmax III, Rigaku Inc., Tokyo, Japan) were carried out on monolithic pre-sintered and sintered laminates. Fracture strength of all the laminates was measured by piston-on-three-balls biaxial flexural test (Shetty et al., 1980 ) using a universal mechanical testing machine (mod. 810, MTS Systems, Minneapolis, MN, USA). The disks were supported by three steel balls (3.2 mm diameter) lying on a circle (12.4 mm diameter) 120° apart. The load was applied at the centre by a hardened steel cylinder (1.5 mm diameter). A certain number of AS-1 engineered laminates were also pre-cracked in the center of the prospective tensile face by Vickers indentation using loads ranging from 10 N to 100 N before flexural test. Fracture surfaces were finally examined by optical (BH2-UMA, Olympus Optical Co. GmbH, Hamburg, Germany) and scanning electron microscopy (JSM-5500, Jeol Inc., Tokyo, Japan). The average grain size was measured by the linear intercept method (Wurst & Nelson, 1972) on optical and scanning electron micrographs. A minimum of 200 grains from 5 randomly selected areas were counted for each sample. To reveal the microstructure specimens were diamond polished to 1 μm to obtain a mirror finish and etched: alumina was thermally etched at 1500°C for 20 min in air, while the composites were chemically etched in phosphoric acid at 250°C for 3 min.
Results and Discussion
The pre-sintered monolithic laminates exhibited a total porosity of approximately 40% (Fig.  4) with narrow pore size distributions from 0.14 µm to 0.16 µm. The packing density and quality of green samples is high enough to help the sintering of the compacts. Successive SPS treatment allowed to produce dense composite materials (97-99% relative density). The addition of non sinterable inclusions of SiC to alumina determined a reduction of the bulk density without noticeable influence on the sintering of the composites that always reach almost theoretical density as shown in Fig. 4 . XRD analysis performed on AS0 and AS30 monolithic laminates did not point out the presence of any impurity and confirmed the expected composition by showing only α-Al 2 O 3 peaks for the first one and α-Al 2 O 3 and α-SiC peaks for the second one. The formation of mullite is very limited considering the amount of silica normally present as surface layer on SiC powder or formed during the pre-sintering step. The relevant change in colour of the final samples from white, in the case of pure alumina, or light grey to black revealed that a non-controlled small carbon amount is introduced during the SPS process probably from the graphitic foil and apparatus. It is not a surface contamination but it is included deep inside within the samples. (Fig. 6) where layers of different composition were assembled; this confirms the goodness and the reliability of the processing procedure used in the present work. Grain size distribution is not homogeneous in monolithic alumina and 1 μm grains were observed as well as some larger 10 μm grains. However, the alumina mean grain size ranges from 6.9±0.5 μm in the pure alumina monolithic laminate to approximately 1 μm in the monolithic 30 vol% SiC containing composite. On the other hand, silicon carbide grain size is equal to 4.2±0.3 μm in all monolithic composites. The alumina grain refinement in the composites has been already reported in literature and has been attributed to a decreased grain boundary mobility, diffusivity and rate of densification due to SiC particles presence (Chae et al., 2006) . The strength measured on monolithic laminates is shown in Fig. 7 . The addition of limited amount of SiC, up to 10 vol%, does not affect the strength of the composite which exhibits the resistance of pure alumina, around 500 MPa. For silicon carbide loads exceeding 10 vol% an appreciable increase of the biaxial failure stress is observed and values as high as 700 MPa are obtained for SiC content of 20 and 30 vol%. The standard deviation shown for all monolithic samples is always quite large due to the limited number of samples, four to five, used for the mechanical tests. Only for pure alumina ten samples were used. The observed increase in failure stress with SiC content can be accounted for by the transformation of the fracture propagation from intergranular in pure alumina samples to transgranular in composites containing larger amount of silicon carbide as shown in Fig. 8 ; such effect of matrix weakening and grain boundary strengthening is in good agreement with findings reported in previous works (Levin et al., 1995; Sternitzke, 1997; Pérez-Riguero et al., 1998) and is a consequence of the tensile residual stresses field which develops upon cooling in the matrix around SiC particles because of the thermo-elastic mismatch between Al 2 O 3 and SiC. The reduction of critical defect size associated to smaller grain size obtained with SiC additions, that inhibit the grain growth of Al 2 O 3 , can also be considered for the observed increase of strength. Fig. 9 . Toughness of monolithic laminates. As shown in Fig. 9 all monolithic composites show toughness values lower than those of alumina independently on the added SiC volumetric fraction and despite the change in fracture mode. The fracture mode change from intergranular in pure alumina to transgranular in the composites (Fig. 8) seems to be not effective in the present case. Conflicting results and theories are reported in literature about the grain boundary strengthening and toughening, especially in the case of Al 2 O 3 /SiC nanocomposites (Pérez-Riguero et al., 1998) . Through a simple comparison of the experimental values, one can concludes that the average tensile stress field in the alumina matrix due to the thermal expansion mismatch of alumina and SiC reduces the fracture toughness more than the increase due to the change in the fracture mode. A net increase in toughness can be achieved only in the case the average internal stresses are small (Carrol et al., 1996) . All composites show an increase of hardness over monolithic alumina (Fig. 10) . The experimental trend is comparable to a linear rule of mixture assuming values of 16.8 GPa and 26.5 GPa for pure alumina and silicon carbide respectively. The biaxial bending strength measured on the engineered laminate AS-1 is graphically represented on the Weibull plot in Fig. 11 . The fracture probability, F, was calculated as F = (j-0.5)/N where N is the total number of samples and j the rank in the ascending ordered distribution. The linear fitting of the experimental data allows the determination of the Weibull modulus, m, equal to 8.3. The average strength is equal to 596 ± 85 MPa. It is now useful to compare the obtained results with the design strength that can be evaluated on the basis of the chosen laminate architecture. There is a substantial difference between the experimental average strength (596 MPa) and the design failure stress (373 MPa); even the weakest sample in the Weibull distribution shown in Fig. 11 possesses a strength of 460 MPa, definitely higher than the design stregth. These observations require some explanation. The outer layer of AS-1 laminate is made of pure alumina. Therefore, the dimension of surface cracks can be estimated from the fracture toughness and the strength measured on alumina specimens that range from 26 to 38 µm if semi-circular cracks are supposed. This means that, in spite of the simplifications made in the model and in the calculations, on the basis of Fig. 3 , surface flaws in AS-1 laminate should undergo to stable growth upon bending before final catastrophic failure. Nevertheless, since the T curve is very steep before its maximum, after an initial growth in the depth, surface flaw could propagate more easily along the surface, evolving at first from semi-circular to semielliptical and then to through-thickness crack. Careful observation of fracture surfaces allows to confirm such hypothesis. Examination of fractographic features of monolithic alumina samples shows typical crack patterns of biaxial moderate strength with bent mirror and main crack branching soon after the mirror boundaries. The samples break into 3÷5 fragments, with a quite clear-cut and planar fracture surface (Fig. 12 ). The engineered laminate shows a more extensive fragmentation due to more intensive stress state. All samples possess fracture surfaces with more complex crack propagation, involving steps and jogs in the mirror and excursion of the crack front out of the plane in proximity of the surface in tension (Fig. 13) . Crack propagation occurs initially orthogonally to the surface in tension but then kinks as it approaches the highly compressed layers. This effect is evident in Fig. 14 that corresponds to a polished section of a sample subjected to biaxial bending where a surface crack initially propagates perpendicularly to the surface in tension and then deviates tilting out from the main fracture plane once encountering high intensity biaxial residual compressive stresses. In addition, SEM micrograph (Fig. 15) taken on the fracture surface in proximity of the surface in tension shows a smooth region extending along  400 µm from the surface due to a stable crack growth of defects in the residual compressive field. Similar peculiar crack propagation behaviour has already been observed in pre-stresses ion-exchanged glasses (Sglavo et al., 2007) where, similarly to the engineering process used in the present work, a specific residual stress field with maximum compression at a certain depth from the surface was created (Green et al., 1999; ). This phenomenon is responsible for a shielding of the crack tip and consequently for higher failure stress. In addition, due to the randomness of such crack kink, the final strength is no more strictly controlled by the T-curve (Fig. 3) and becomes quite scattered. It is anyway interesting to observe that failure stress remains invariant even when large defects are introduced on the surface by Vickers indentation (Fig. 16) . Strength values around 600 MPa are obtained even when indentation loads as high as 100 N, which produces radial cracks of the order of 100 µm, are used. 
Conclusion
Fully dense SiC-Al 2 O 3 composites characterized by perfect adhesions between constituting layers were produced by Spark Plasma Sintering tape casted composite laminae. Monolithic composite disks with SiC load up to 30 vol% and an engineered laminate with specific layers combination able to promote stable growth of surface defects before final failure were considered. High homogeneity of the two phases is always obtained.
Monolithic composites show an increasing strength with SiC content and biaxial failure stress as high as 700 MPa is obtained for the highest SiC load. A graceful crack propagation, first inward and then parallel to the surface of the laminate, can be observed in the engineered laminate. Such fracture behaviour is shown to be responsible for the high strength (about 600 MPa) and the peculiar surface damage insensitivity.
